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a b s t r a c t

Depleted uranium is of current programmatic interest at Los Alamos National Lab due to its high density
and nuclear applications. At room temperature, depleted uranium displays an orthorhombic crystal struc-
ture with highly anisotropic mechanical and thermal properties. For instance, the coefficient of thermal
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expansion is roughly 20 × 10 C in the a and c directions, but near zero or slightly negative in the
b direction. The innate anisotropy combined with thermo-mechanical processing during manufacture
results in spatially varying residual stresses and crystallographic texture, which can cause distortion, and
failure in completed parts, effectively wasting resources. This paper focuses on the development of resid-
ual stresses and textures during deformation at room and elevated temperatures with an eye on the future
development of computational polycrystalline plasticity models based on the known micro-mechanical
deformation mechanisms of the material.
. Introduction

Neutron diffraction and, more recently, high-energy syn-
hrotron X-ray diffraction are generally accepted techniques
sed for the measurement of bulk residual stresses in thermo-
echanically processed (rolled, welded, etc.) parts. These tech-

iques rely on the spatially resolved measurement of variations
f lattice parameters or interplanar spacings (lattice strains) of
iven grain orientations and subsequent conversion of the mea-
ured strains to stresses. It is well known that intergranular or type
I strains add confusion to the measurement of residual stresses

ith diffraction techniques and various schemes for minimizing
hese have been proposed and will be discussed in the following.

The earliest such method was to utilize the strains measured
n a single grain orientation (h k l) that is minimally effected by
ntergranular strains, for instance, the (3 1 1) peak in fcc steel [1].

ore recently, the use of time-of-flight (TOF) neutron diffraction
t spallation neutron sources, which yields a large section of the
iffraction pattern with a single diffraction vector, allows determi-

ation of lattice parameters with Rietveld analysis of the diffraction
attern. The lattice parameter so determined represents an empir-

cal average over all crystal orientations present [2]. Daymond et
l. [3] demonstrated that strains in cubic steel determined from
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Rietveld refinement of the lattice parameter represented the bulk
response at least as accurately as single peak analysis.

Determination of representative residual stresses from hexag-
onal and lower symmetry materials is considerably more difficult
because of increased anisotropy (intergranular strains) and multi-
ple lattice parameters that define the crystal structure. Daymond
et al. [4] showed that an appropriate texture weighted average of
the a and c strains measured in beryllium was representative of
the bulk response. Recently, Daymond developed a more physically
based weighting scheme for the determination of representative
residual stresses from both single peak and lattice parameter strain
measurements [5] and demonstrated its value in cubic steel and
hexagonal titanium.

Orthorhombic �-uranium represents the next step in complex-
ity. Also, residual stresses in formed and welded uranium parts
are of considerable interest to defense and energy generation
applications. Cahn [6,7] first enumerated the active deformation
modes, both slip and twinning, in single crystalline �-uranium.
Calnan and Clews used these deformation modes, with no exper-
imental determination of the relative critical resolved shear
stresses (crss’s) to qualitatively predict the deformation tex-
ture of uranium under tension, compression and rolling, but

at the time had no measured textures with which to com-
pare. Morris [8] reported the first measurement of the rolling
texture of �-uranium with X-ray diffraction in 1971. In 1991,
Rollett measured and modeled texture development in poly-
crystalline �-uranium under multiple deformation geometries

http://www.sciencedirect.com/science/journal/09215093
http://www.elsevier.com/locate/msea
mailto:dbrown@lanl.gov
dx.doi.org/10.1016/j.msea.2009.02.004
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ig. 1. (1 0 0), (0 1 0) and (0 0 1) pole figures measured on the as-rolled uranium pla
ND) are indicated. The contours go linearly from 0 to 4 at 0.5 multiples of random d
he detector acceptance of the SMARTS detector with diffraction vector parallel to t

sing crss’s found by Daniel et al. [9] on single crystal ura-
ium.

This paper represents a focused study on the crystallographic
esponse of uranium to applied stress as a function of tempera-
ure with an eye toward interpretation of spatially resolved lattice
arameter measurements in specific formed uranium parts. In the

ong term, the goal is to couple grain-scale self-consistent models
ith macroscopic finite element analysis [10,11] to understand and
redict the development of texture and residual stresses in complex
ormed parts through all steps of processing. In particular, it was

otivated by a need to evaluate residual stresses in a deep drawn
ranium part formed from a rolled plate. The stress applied dur-

ng deep drawing of a plate is comprised mostly of in-plane biaxial
ension. Due to the difficulty of performing biaxial tension or bulge
ests in situ, we chose to study the microstructural response (inter-
al strain and texture evolution) during uniaxial tension along both
he rolling and transverse in-plane directions.

In situ neutron diffraction measurements during uniaxial ten-
ile deformation of �-uranium at room temperature, 200 ◦C, and
00 ◦C were completed. Both single peak and lattice parameters
trains were determined and are presented. Complete orientation
istribution functions were determined ex situ in the as-rolled state
s well as after 5% and 20% plastic strain.

. Experimental techniques

.1. Sample preparation

The depleted uranium was initially cast into a 254 mm thick

ngot. The ingot was first hot cross-rolled at 640 ◦C to 32 mm then
arm clock-rolled at 330 ◦C to 15 mm before an intermediate anneal
f 480 ◦C for 2 h. Subsequently, the plate was further warm clock-
olled at 330 ◦C to 7.6 mm and given a final anneal of 550 ◦C for
h. Pin-grip dog-bone tensile specimens were electro-discharge
e final rolling direction (RD), transverse direction (TD), and plate normal direction
ution (MRD) intervals. The circle in the center of the (1 0 0) pole roughly represents
d axis.

machined from the rolled plate with tensile axes parallel (RD) and
transverse (TD) to the final rolling direction.

The as-rolled texture of the plate determined by neutron diffrac-
tion and EBSD is shown in Fig. 1. The two techniques are in excellent
agreement. The crystallographic texture is defined by the b-axes
predominantly oriented along the final rolling direction (RD) with
c-axes and a-axes slightly offset from the plate normal (ND) and
transverse direction (TD), respectively. The microstructure of the
rolled material is highlighted in Fig. 2a by the EBSD orientation map
taken on a cross-section of the sample where the surface normal is
parallel to the final rolling direction. The initial microstructure con-
sists of equiaxed grains with a grain size of approximately 25 �m.

2.2. Neutron diffraction techniques

Neutron diffraction measurements of internal strain and bulk
texture were performed on the Spectrometer for Materials Research
at Temperature and Stress (SMARTS) and High Pressure Preferred
Orientation (HIPPO) instruments, respectively, at the Manuel Lujan
Jr. Neutron Scattering Center, LANSCE, Los Alamos National Labora-
tory. Details of the diffraction instruments are similar and published
elsewhere [12,13] and only a short description is presented here.

SMARTS has a 30 m incident flight path yielding an instrumen-
tal resolution of �d/d = 2.5 × 10−3 (FWHM), making it suitable to
measure the small shifts in lattice spacing associated with inter-
nal strains. A purpose built horizontal load frame was utilized to
perform in situ measurements of the lattice strains during uni-
axial tension. Fig. 3 shows a schematic of SMARTS indicating the
sample geometry and orientation of the applied stress relative to

the instrument. The load axis was oriented at 45◦ relative to the
incident beam. Detectors on either side of the specimen simulta-
neously record data with diffraction vectors, parallel Q|| (−90◦) and
transverse Q⊥ (+90◦), to the applied load. Both detector banks have
acceptance angles of ±15◦ in the vertical and horizontal directions.
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ig. 2. EBSD orientation maps collected on the (a) as-rolled plate, and after 5% defo
hich are (a) RD, (b) RD, and (c) TD directions.

he circles drawn on the (0 0 1) pole figure in Fig. 1 schemati-
ally represent the acceptance area of the SMARTS detectors on
he pole figure. The macroscopic strain achieved in the sample was

easured concurrently using an extensometer that spanned the
rradiated region.

In contrast, the HIPPO diffractometer has a 9 m flight path, which
aximizes the incident neutron intensity for measurements of bulk

exture. A robotic sample position system picks each sample from
tray and places it at beam center. With the 29 independent detec-

or banks on HIPPO only four sample rotations are necessary to
btain sufficient coverage of sample space to produce complete

rientation distribution functions. Rietveld analysis of 98 selected
iffraction patterns using eighth order spherical harmonics with no
ssumed sample symmetry to describe the texture [14] was com-
leted with the General Structure Analysis System (GSAS) software
eveloped at LANSCE [15]. The observed orientation distributions

ig. 3. Schematic of the diffraction geometry showing the scattering vectors Q|| and
⊥ relative to tensile axis of sample. Note, the drawing is not to scale.
n in the (b) RD and (c) TD directions. Images show the specimen normal directions

are moderate, and relatively smooth. The use of higher order spher-
ical harmonics does not significantly improve the fit, as indicated by
the residual, but can add oscillations to the orientation distribution
which are unphysical.

2.3. Interpretation of neutron diffraction measurements

Prior to showing the results of the neutron diffraction mea-
surements, it is worthwhile to discuss precisely what is measured
by diffraction and define common terminology used throughout
the literature. Each diffraction peak (h k l) is comprised of neu-
trons diffracted from a unique subset of grains (grain family [5])
from within the irradiated volume with a common orientation,
that is, a specific crystallographic plane normal (h k l) parallel to the
diffraction vector. Three peak parameters, the position, intensity
and breadth are commonly obtained from peak fits and each can
be related to the microstructure. It is straightforward to relate the
peak intensities to the crystallographic texture. The peak breadth is
associated with small length scale heterogeneities within the grains
such as defects and dislocations, although it is difficult to quantify
this association, especially for lower symmetry materials. The peak
position or, more precisely the change thereof, is related to the inter-
nal (lattice) strains of the grains. The interpretation of the variation
of the lattice strains with applied stress can be unintuitive and we
will discuss it in detail here.

It is important to remember that neutron diffraction directly
measures elastic lattice strains, that is, changes in atomic spacings
or lattice parameters. In a single grain, the elastic strain is nec-
essarily proportional to the stress on that grain. From symmetry
arguments, one can then assume that the elastic strain measured by
diffraction on a family of grains with common orientation relative
to the load axis is proportional to the average stress on that fam-
ily of grains. That the elastic lattice strains in the “lattice strain vs.
applied stress” plots that follow are not proportional to the applied
stress is indicative of the difference between the macroscopic stress

applied to the sample and the stress perceived by individual grain
families. The deviation of the grain stress from the applied stress is
attributable to grain-scale heterogeneities, in this case associated
with elastic and plastic anisotropy of the material, resulting in local
(grain scale) fluctuations away from the macroscopic stress field.
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Thus, only qualitative information (trends) will be extracted from
the data collected in this work.
0 D.W. Brown et al. / Materials Scien

n a very real way, a plastically anisotropic polycrystalline sample
ay be considered as a complicated composite, in which each con-

tituent grain family (orientation) has a different set of mechanical
roperties.

These orientation dependent grain-scale stress fluctuations are
ypically called intergranular stresses [5,16] or grain interaction
tresses [17]. Similarly, the intergranular strains, εint(h k l), are the
ifference between the elastic strain measured in a particular grain
rientation εint(h k l) and that expected based on the macroscopic
pplied stress (�app) and a suitable orientation dependent modulus
Ehkl):

int(hkl) = ε(hkl) − �app

Ehkl
. (1)

ecause we use the initial diffraction pattern at near zero load as
reference, the intergranular strains we will present are associ-

ted with plastic anisotropy, i.e. the strong dependence of the single
rystal yield surface on the crystallographic orientation. That is to
ay, we ignore the intergranular strains related to the anisotropic
oefficient of thermal expansion.

When plasticity initiates in a grain family with a given orienta-
ion with respect to the load axis, the rate of increase of the elastic
attice strain in that family decreases markedly. Elastic straining
s replaced by plastic flow, to which the elastic lattice strains are
nsensitive. In the case of perfect plasticity, i.e. no hardening, the
attice strain saturates, and the lattice specific stress/strain curve
ecomes vertical. This grain family is typically referred to as plasti-
ally soft which should not be confused with elastically compliant.

Once (perfect) plasticity is initiated in a grain family, no further
ncrements of stress will be supported by said grain family and other
rain families respond by bearing a larger incremental load, and
hus, increased incremental lattice strains, resulting in an appar-
nt reduced modulus. These remaining elastic grains are typically
eferred to as plastically hard. The saturation of the elastic strains in
lastically soft grains and apparent reduced modulus of plastically
ard grains after plastic deformation initiates results in the charac-
eristic “y” shape of “lattice strain vs. stress” plots commonly seen
n the literature.

While plastic strain does not directly change the diffracted peak
osition (the elastic strain), it is manifested by increases in peak
idth. Profile function 1 in GSAS was used to fit the diffraction
ata in this study. The interpretation of the profile parameters is
iscussed in detail in the GSAS manual, and only a short description
elevant to the peak broadening is given here. Profile 1 assumes a
eak profile that is a convolution of two back-to-back exponentials
ith a Gaussian line shape defined by

(�T − �) = 1√
2��2

exp

[
−(�T − �)2

2�2

]
,

here �T is the difference in time-of-flight between the reflection
osition and the profile point. The variance of the Gaussian profile

s given by � which is a function of d-space:

2 = �2
0 + �2

1 d2 + �2
2 d4,

here, for simplicity, anisotropic peak broadening has been
gnored. It is important to note that � is fit over the entire profile,
nd is not specific to any (h k l). To generalize, strain broadening
nd instrumental resolution contribute to �1, and crystallite size

roadening to �2. With the relatively poor peak width resolution
f SMARTS, crystallite size broadening would only be observable
ith very small (sub-micron) size grains. Also, the crystallite size is
ot expected to change during the tensile tests to 20% deformation,
nd thus �2 was held fixed at zero. The amount of strain broadening
Fig. 4. (a) Uranium flow curves measured along the plate RD (solid line) and TD
(dotted line). (b) An enlargement of the elastic region. The dashed lines represent a
modulus of 190 GPa.

(�d/d) can be determined from the variance (�1) in percent by

S (%) = 1
C

√
8 ln 2(�2

1 − �2
1i) × 100,

where �1i represents the instrumental resolution and C is a diffrac-
tometer constant. The strain broadening term, S, is often referred to
as “microstrain” or “intragranular strain”, depending on the audi-
ence, and is due to a local distribution of interatomic spacings
associated with defects, such as dislocations, or other hetero-
geneities such as twin boundaries or chemical variations.

We assume the peak variance of the initial diffraction pattern
before deformation represents the instrumental resolution. The
SMARTS diffractometer, in particular, has not been properly char-
acterized for accurate determination of sample broadening and
the peak resolution is poor relative to that of high-resolution syn-
chrotron X-ray techniques. The instrumental resolution is of similar
magnitude as the sample broadening observed with deformation.
Fig. 5. Uranium flow curves measured along the plate RD at 30 ◦C, 200 ◦C, and 400 ◦C.
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ig. 6. (1 0 0), (0 1 0) and (0 0 1) pole figures measured (a) as-received and after (b)
D. The contours go from 0 to 4 at 0.5 MRD intervals.

. Results

.1. Macroscopic response

Fig. 4a shows the stress–strain curves measured during room
emperature (30 ◦C) tensile deformation along the final rolling and
ransverse directions. Fig. 4b shows an enlargement of the elas-
ic regime. The decreases in load occurred while the samples were
eld in position control while diffraction data was collected. It is
ifficult to see due to the scale of Fig. 4, but the observed flow
urves exhibit a small amount of curvature even at small stresses

uring loading as well as during unloading making accurate deter-
ination of the macroscopic elastic modulus impossible and the

ield point difficult. The elastic moduli in the RD, TD and ND direc-
ions calculated using the reported single crystal stiffness matrix
18] and an Eshelby type elastic self-consistent calculation [19]
d (c) 20% deformation along the RD and (d) 5% and (e) 20% deformation along the

including the measured crystallographic texture shown in Fig. 1
are 187 GPa, 196 GPa, and 207 GPa, respectively. The dashed lines in
Figs. 4a–b represent a modulus of 190 GPa and correspond well to
the observed loading below 90 MPa. Both samples deviate from the
linear elastic response at roughly 90 MPa and the 0.2% offset occurs
at nearly 300 MPa. At small strains, i.e. less than 0.2%, the material
appears to harden more rapidly when strained along the transverse
direction, but the stress relaxation observed during the neutron col-
lection makes this difficult to evaluate with confidence. Diffraction
data was collected at more points during the RD deformation than
the TD. Clearly, beyond roughly 0.5% strain, the hardening rate and

thus flow stress is higher along the rolling direction, that is parallel
to the dominant b-axis orientation.

Fig. 5 shows the flow curves measured during tensile deforma-
tion at 30 ◦C, 200 ◦C and 400 ◦C along the final rolling direction.
The samples relaxed excessively when held at load at elevated
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and at 30 ◦C, 200 ◦C and 400 ◦C in the rolling direction. Recall from
the discussion above that the strain broadening parameter is deter-
mined from a full pattern fit, and is not specific to a given peak (h k l).
The strain broadening measured in the samples deformed at 30 ◦C
2 D.W. Brown et al. / Materials Scien

emperature while collecting diffraction data, so the samples were
epeatedly loaded to incrementally increasing strains and imme-
iately unloaded to a nominal stress of 40 MPa for collection of
iffraction data. In this way, the orientation dependent intergran-
lar or Type II residual strains were measured as a function of
lastic strain. This technique has been demonstrated to provide
ubstantively equivalent measurement of the intergranular strains
hen compared to monotonic loading in a zirconium alloy [20].

he flow stress decreased considerably with increased tempera-
ure. For instance, the flow stress at 1% deformation decreased from
80 MPa to 100 MPa when the deformation temperature increased
rom 30 ◦C to 400 ◦C. Also, the hardening rate is much lower at
00 ◦C.

.2. Microstructural development

Fig. 2b and c shows the evolution of the microstructure after
% deformation in the RD and TD, respectively. The orientation of
he images is the same as Fig. 2a. A significant population of defor-

ation twins is present for both deformation paths. The twins are
redominantly of the {1 3 0} type, but a small amount of both {1 7 2}
nd {1 1 2} twins are also apparent. After 5% tensile deformation in
he RD and TD directions, the volume fractions of {130} twins are
% and 10%, respectively.

.3. Texture development

Figs. 6a–e shows pole figures representing the crystallographic
exture in the as-rolled state (a) and after 5% and 20% deformation
n the rolling (b and c) and transverse directions (d and e), respec-
ively. The neutron diffraction data from which the pole figures
ere determined was collected ex situ on the HIPPO diffractometer.
gain, the EBSD and neutron diffraction textures were in agree-
ent. Note that the pole figures are oriented such that the original

oordinate system of the plate (Fig. 1) is maintained, i.e. the rolling
ormal direction is up the page and the final rolling direction is
ut of the page. Thus, in Fig. 6b and c the straining direction is
ut of the page; in Fig. 6d and e the straining direction is across the
age. The initial texture and development are consistent with those
reviously found under similar loading conditions [21].

When loading parallel to the final rolling direction, the texture
oes not change after 5% plastic deformation to within our lim-

ts of observation. However, after 20% tensile deformation in the
olling direction, the (0 1 0) fiber parallel to the loading (rolling)
irection does increase slightly, from a maximum pole density
f 3.6 multiples of random distribution (MRD) prior to deforma-
ion to 3.9 MRD after. In contrast, the texture evolves much more
otably during deformation transverse to the final rolling direction.

ndeed, after only 5% tensile deformation transverse to the final
olling direction, the maximum (0 1 0) pole density has reduced
rom 3.6 MRD to 3.1 MRD and after 20% deformation along the trans-
erse direction the predominant (0 1 0) orientation is now along the
ransverse direction. Concomitantly, the (1 0 0) poles align trans-
erse to the straining direction, i.e. parallel to the rolling direction,
hile the (0 0 1) poles tend to stay aligned near the rolling normal
irection.

Fig. 7a and b shows the development of the (2 0 0), (0 2 0), and
0 0 2) integrated peak intensity parallel to the straining direc-
ion measured in situ on the SMARTS diffractometer during tensile
eformation along the rolling and transverse directions, respec-
ively. The peak intensities are initially normalized to one so that

hey may be easily shown on a single plot. In the rolling direction,
he (2 0 0) and (0 0 2) peaks are initially relatively weak and near
tronger peaks. They show a small decrease in integrated inten-
ity, and beyond roughly 3% deformation, the fit quality of these
eaks deteriorates markedly. In contrast, during deformation in the
Fig. 7. Development of single peak intensity during tensile deformation (a) parallel
to the final rolling direction (RD) and (b) the transverse direction (TD).

transverse direction, the (0 2 0) peak parallel to the straining direc-
tion increases in intensity markedly, while the (2 0 0) and (0 0 2)
decrease slightly.

3.4. Increase of peak breadth with plastic strain

Fig. 8 shows the evolution of the strain broadening (sometimes
called “microstrain” or “intragranular” strain) with increasing plas-
tic strain during deformation at 30 ◦C in the transverse direction
Fig. 8. Development of strain broadening as a function of plastic strain. The lines
are guides to the eye.
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ig. 9. Development of the elastic lattice strains in rolled uranium during tensile d
ymbols represent lattice parameter and single peak strains, respectively. The (+) sig

long the rolling and transverse directions are very similar. In both
ases, the variance increases monotonically with increased plas-
ic strain. However, the evolution of the broadening with strain is
learly influenced by the increase in temperature. During deforma-
ion at 200 ◦C, the increase of the peak broadening is significantly
educed and at 400 ◦C the peak breadth remains nearly constant
ith deformation.

.5. Development of lattice strains

The lattice parameter of the �-uranium (orthorhombic) mea-
ured with a nominal holding stress of 20 MPa were a = 2.8515 Å,
= 5.8590 Å, and c = 4.5919 Å with relative uncertainty (precision,
ot accuracy) of roughly 1 × 10−4 Å. We note that these are statisti-
al uncertainties from the Rietveld refinement, and do not account
or errors such as small positioning errors, which are not quantified,
ut can be larger, on the order 0.001 Å. This uncertainty repre-
ents our resolution of changes in lattice parameter (strains), not
n absolute lattice parameter measurement.

Fig. 9a and b shows the development of the axial lattice strains
measured in the Q|| detector bank) measured during tensile
eformation of uranium in the rolling and transverse directions,
espectively. Strains calculated for Rietveld refinements (lattice
arameters) as well as single peak fits (h k l) are shown in the figures.
ncertainties in the lattice strains are indicated, but in some cases
re smaller than the data points. The two measures of lattice strain
ield similar results, and will be discussed concurrently. There are
ew c-axis directed along final rolling direction, and as such, rela-
ively poor statistics are obtained for c-axis and (0 0 2) strains and
hey are omitted from Fig. 9a.

The development of the lattice strains is qualitatively similar
uring loading in the two sample directions despite the signifi-
ant texture difference. Also, the single peak and corresponding
attice parameter strains behave qualitatively similar, for instance
he (2 0 0) strains closely track the a strains. Recall that the (2 0 0)
trains strictly represent the response of grains with their (2 0 0)
ole parallel to the loading direction, while the a strains have con-

ributions from all grain orientations (h k l) with a non-zero h. The b-
nd c-strains also qualitatively follow the (0 2 0) and (0 0 2) strains,
espectively. As would be expected, the single orientation strains
re always more extreme than those determined from the lattice
arameter.
ation in the (a) rolling (RD) and (b) transverse directions (TD). The filled and open
resent the average of the a and b strain and the solid line a linear fit to that average.

During tensile deformation in the final rolling direction, the
lattice responds linearly with stress to roughly 150 MPa; roughly
200 MPa during straining in the transverse plate direction. Thus, the
intergranular strains indicative of yielding are evident at stresses
somewhat higher than the macroscopic deviation from linearity of
90 MPa (see Fig. 4b), but well below the 0.2 offset stress of 300 MPa.
The slopes of the a, b and c strains in the elastic region of the trans-
verse direction straining (where more data was collected in the
elastic region) are 196 GPa, 169 GPa, and 141 GPa, respectively. In
both rolling and transverse samples, beyond the elastic region the
(2 0 0)/a strains saturate and no longer increase with subsequent
incremental increases in applied stress. Concomitantly, the (0 2 0)/b
strains respond by absorbing a greater portion of the elastic strain
associated with subsequent stress increases. Due to the texture, the
(0 0 2)/c strains were only measurable in the sample strained in
the transverse plate direction and showed an intermediate behav-
ior. The (0 0 2)/c strains initially accumulate more quickly after the
saturation of the (2 0 0)/a strains, but themselves saturate above
300 MPa. Finally, an inflection is observed in the (020)/b strains, and
corresponding inflection in the a and c strains, at roughly 450 MPa.
It is interesting to note that the simple average of the a and b
strains (the majority in-plane orientations) is linear with applied
stress to the largest stresses achieved during deformation in both
the rolling and transverse directions with slopes of 179 GPa and
187 GPa, respectively.

For purposes of clarity, data taken during unload are not shown.
The elastic strains were not perfectly linear with unload, consistent
with the non-linearity of the macroscopic unload curve. However,
the deviation of the unload curves from linearity was insignificant
compared to the non-linearity observed during loading.

4. Discussion

4.1. Room temperature deformation

We first attempt to relate the macroscopic data recorded by
the load cell and extensometer to the microstructural informa-

tion obtained from neutron diffraction. The dependence of both
the macroscopic and microscopic results on the straining direction
is small, given the relatively strong texture of the rolled uranium.
Prior to the macroscopic yield point the lattice strains respond lin-
early to the applied stress and the peak widths remain constant. The
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mation temperature and are not significantly different from zero
ig. 10. Development of the intergranular strains during tensile deformation of
olled uranium along the rolling direction (open symbols) and transverse directions
filled symbols).

bserved lattice strains first deviate from linear behavior near the
acroscopic yield point of the samples and are a crystallographic

ndication of plasticity. As described above, the deviations of the
attice strains from linearity shown in Fig. 9 are associated with
ntergranular stresses that develop due to plastic anisotropy on the
rain scale.

The intergranular strains that developed during room temper-
ture deformation along the rolling and transverse directions, as
etermined from Eq. (1), are shown in Fig. 10. The development
f the intergranular strains is similar during loading in the rolling
nd transverse directions. The intergranular strains increase (in an
bsolute sense) linearly until nearly 1% and saturate completely by
.5% plastic strain. The intergranular strains during loading in the
olling direction are consistently lower than in the transverse direc-
ion. It is important to note that for reasonably small strains (<2%),
he separation between the a and b intergranular strains may be
arameterized as a function of the plastic strain and used to esti-
ate the plastic strain history of thermo-mechanically processed

arts [3,22].
It has been shown in several cases that the neutron diffraction

exture measurements are quite sensitive to deformation twinning
23,24]. However, the deformation twins that are shown in the EBSD
rientation map do not strongly affect the measured bulk texture
t small strains as seen in reference [23,24]. At 5% strain, the twin
olume fraction as determined by EBSD is low, roughly 10 volume
ercent, and the {1 3 0} twin causes a roughly 69◦ rotation about
he 〈0 0 1〉 direction, which is a relatively symmetric direction in
he orientation distribution. Moreover, due to the low symmetry
f the material (i.e. the low number of equivalent slip systems),
lip deformation will also act to quickly reorient the material. The
mall texture changes observed during the in situ measurements,
ecreases of (2 0 0) intensity and increase of (0 1 0) intensity par-
llel to the tensile straining, are consistent with {1 3 0} twinning.
owever, future polycrystalline plasticity modeling work is neces-

ary to deconvolute the texture evolution due to twinning and slip,
s well as the evolution of the lattice strains.

Also, once plastic deformation initiates in the room temperature
amples, the strain broadening rapidly increases. The strain broad-
ning, or “microstrain”, is related to lattice parameter variations on

very fine scale called intragranular strains. The increase in intra-
ranular strain is difficult to interpret because it may be attributable
o several different microstructure effects including dislocations,
efects, twin boundaries, or heterogeneous stress distribution due
Engineering A 512 (2009) 67–75

to the plastic anisotropy. While it is attractive to attempt to calculate
the plastic strain dependent dislocation density or twin bound-
ary density, we feel the relatively large instrumental contribution
to the peak profile as well as the complication arising from the
anisotropic material would render the calculation inaccurate. Suf-
fice it to note that the increase in intragranular strain is correlated
with the increased flow stress of the material with plastic deforma-
tion (hardening).

4.2. Impact on macroscopic residual stress measurements

In spatially resolved measurements at time-of-flight neutron
sources, which are always neutron flux limited, there is a substan-
tial reduction of count time if lattice parameters, rather than single
peak interplanar spacings, can be used to accurately characterize
the macroscopic stress field. Since the lattice parameter and sin-
gle peak strains behave at least qualitatively similarly, we will limit
subsequent discussion to the lattice parameter strains.

At first glance, the situation represented in Fig. 9a and b
would seem problematic for spatially resolved residual strain mea-
surements because of the extraordinary plastic anisotropy of the
material: residual strains measured with different orientations
would yield dramatically different results. The averaging scheme
of Daymond [5] was considered untenable in the specific thermo-
mechanically processed parts that motivated this study, due to
rapid spatial variations of the texture. However, it was found empir-
ically that in both straining directions (rolling and transverse direc-
tions) the simple average of the a and b strains (a and b oriented
grains are predominant in these directions) is linear with applied
stress to the maximum stress/strain achieved in each sample. More-
over, the effective modulus of this average grain stain, 179 GPa and
187 GPa in the rolling and transverse directions, respectively, is rel-
atively insensitive to sample orientation and reasonably close to
the calculated macroscopic modulus in each direction of 187 MPa
and 196 GPa, respectively. Overall, the average of the a and b strains
makes an attractive empirical quantity for characterization of a spa-
tially varying residual stress field in the uranium part of interest for
this study, and likely for welded uranium plates as the texture and
stress directions (predominantly in-plane) are likely similar.

4.3. Effect of deformation temperature on the development of the
microstructure

As shown in Fig. 8, an increase in deformation temperature
reduces the observed peak width increase with plastic strain. Again,
the difficulty of deconvoluting the microstructural effects prevents
interpretation of this result. As noted above however, the increase
in intragranular strain is correlated with increased hardening of the
material. As the deformation temperature is raised and the harden-
ing is reduced, so too is the increase in intragranular strain. Thus,
the defects or heterogeneities associated with the local (on the grain
scale) distribution of interatomic spacing (that is the increased peak
breadth) are annealed out to increasing degrees with increased
deformation temperature.

Fig. 11 shows the development of the intergranular strains as
a function of plastic strain at the three deformation temperatures.
Recall (Fig. 5) that at elevated temperature the material relaxed too
much to allow for holds at stress while neutrons were collected.
Thus, the intergranular (or Type II residual) strains were measured
directly by unloading to a nominal holding stress. The magnitude of
the intergranular strains decreases strongly with increased defor-
at 400 ◦C. This indicates that the material has lost the ability to
maintain stresses over short length scales (i.e. microstructural) at
400 ◦C. Coupled with the highly anisotropic coefficient of thermal
expansion of uranium, the softening on the grain scale likely plays a
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ig. 11. Development of the intergranular strains during tensile deformation of
olled uranium along the rolling direction at 30 ◦C (solid lines), 200 ◦C (dashed lines)
nd 400 ◦C (dotted lines).

ole in the reported thermal ratcheting (plastic deformation during
hermal cycling) in uranium [25] (for example).

This is important information in particular when attempting to
pply an elasto-plastic self-consistent (EPSC) model or Finite Ele-
ent Analysis (FEA) to the deformation of depleted uranium. The

PSC model monitors the internal stresses in the grains including
hose developed during cooling from processing temperature due
o the anisotropic CTE, which can be significant compared to the
ield strength [16,26,27]. This result essentially sets the point at
hich the model must assume the material has enough rigidity to
evelop internal stresses. Obviously, the internal stresses developed
uring cooling increase in proportion to this temperature.

. Conclusions

In situ neutron diffraction measurements of the develop-
ent of internals stresses during in-plane (rolling and transverse

irections) deformation of rolled uranium at room and elevated
emperatures were completed. The texture was also measured with
eutron diffraction in the as-rolled state as well as after 5% and
0% tensile deformation along final rolling and transverse direc-
ions of the plate. The texture consistently reoriented to align the
-axis, (0 2 0) plane normal, into alignment with the tensile strain-
ng direction. The texture evolution is likely due to combined effects
f deformation twinning, seen explicitly using EBSD, and grain rota-
ion caused by slip.

The development of internal strains was surprisingly insensi-
ive to loading direction within the plane of the plate given the
trong in-plane variation of the texture. Grains with their (2 0 0)

lane normal (a-axis) parallel to the loading direction yielded first,
t about 150 MPa and 200 MPa, during tensile straining in the rolling
nd transverse directions, respectively. The grain family with their
0 2 0) plane normals parallel to the load axis was the plastically
ard orientation. Intergranular strains developed linearly with plas-

[
[
[
[
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tic deformation to nearly 1% strain, saturating completely by 2.5%
plastic strain.

Increasing temperature had a strong effect on both the strength
of the material, and its ability to maintain intergranular and intra-
granular strains. The 0.2% offset yield point dropped from 315 MPa
at room temperature, to 205 MPa at 200 ◦C, to 100 MPa at 400 ◦C.
Similarly, the intergranular strains in the b direction, for instance,
reduced from 2000 �� at room temperature, to 200 �� at 200 ◦C
and are not significantly different from zero at 400 ◦C. Finally, the
development of intragranular strains, measured by the diffraction
peak breadth, is also significantly reduced with elevated defor-
mation temperature. This behavior at temperature validates the
traditional warm-rolling themo-mechanical processing of uranium
plate.

When taken as a whole, this data is invaluable to future modeling
efforts. The observed texture and internal strain development will
act as constraint and validation for the development of predictive
self-consistent plasticity models. The temperature dependent inter-
granular strains also provide input for model development, that is
they imply a maximum residual stress at a given temperature.
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